Precipitation reactions of the Al-Zn-Mg(-Mn,Fe)-based alloys with/without Sc,Zr-addition were studied by microhardness and resistivity measurements, and differential scanning calorimetry. Microstructure observation proved the Zn,Mg-containing eutectic phase at grain boundaries. Positron spectroscopy confirmed the presence of Guinier-Preston (GP) zones in the initial state. The changes in resistivity and microhardness curves as well as in heat flow are mainly caused by the formation and/or dissolution of the Guinier-Preston zones and precipitation of the particles from the Al-Zn-Mg system. Formation of the Mn,Fe-containing particles as well as of the η-and T -phase does not influence hardening significantly. The hardening effect above ∼ 300 
Introduction
The commercial Al-Zn-Mg-based alloys (AA7xxx series) have a variety of applications in automotive and aircraft industries due to their high age-hardening response and low density [1] [2] [3] . They exhibit reasonable solid solution hardening, but mechanical properties of these alloys logically depend on chemical composition, mainly on Zn and Mg content and on the heat treatment of the studied alloys [2, [4] [5] [6] [7] . Although controversies and ambiguities exist about the structures and the species of the hardening precipitates, the precipitation sequence in the alloys has thus far been understood, in terms of precipitation and dissolution of the phases the commonly isothermal sequence is used as (e.g. [2] [3] [4] [5] [6] [7] [8] ): supersaturated solid solution → Guinier-Preston (GP) zones → semicoherent η -phase → incoherent η-phase (MgZn 2 ). Instead of stable η-phase, the formation of the GP zones and η -phase are proved to be responsible for the peak *Corresponding author: tel.: +420221911659; fax: +420221911618, e-mail address: martin.vlach@mff.cuni.cz strength of the alloys. However, the formation of the GP zones and η -phase precipitates depends on the alloy composition, artificial ageing temperature, ageing time, heat treatment, etc. [5] [6] [7] [8] . The decomposition sequence should also contain metastable semicoherent T -phase (Al 2 Zn 3 Mg 3 -hexagonal structure) and equilibrium T -phase (Al 2 Zn 3 Mg 3 -cubic structure) [7] [8] [9] [10] .
An addition of Sc (∼ 0.15 at.%) and Zr (∼ 0.1 at.%) to Al-based alloys is made to refine the cast grain structure, to increase recrystallization temperature and to improve mechanical properties [1, 11] . A large improvement of Al due to Sc,Zr-addition has been frequently reported to be the formation of nanoscale, coherent Al 3 (Sc,Zr)-phase precipitates (L1 2 structure) [11] [12] [13] . It predetermines the Al-ScZr-based alloys for high-temperature automotive and aerospace applications [11] . Consequently, there is an interest in the further improvement of the properties of the Al-Zn-Mg-based alloys containing a level of Sc and Zr and studying their role in microstructure and mechanical properties of the alloys [1] . Even though the AA7xxx series alloys are some of the most extensively used Al-based alloys, relatively few studies (e.g., [14] [15] [16] [17] ) have investigated the precipitation processes, mechanical and thermal properties of the Al-Zn-Mg--based alloys with Sc and Zr addition. Tailoring material to required properties is very difficult without the detailed knowledge of precipitation processes and the role of Sc and Zr in microstructure development.
The aim of the present work was to study the phase transformations in Al-Zn-Mg(-Mn,Fe) alloys with and without Sc and Zr content in the as-cast, heat-treated, and natural-aged states and the investigation of the microstructure changes during non-isothermal annealing.
Materials and methods
The Al-5.28at.%Zn-3.47at.%Mg-0.07at.%Mn,Fe (AlZnMg) and Al-5.26at.%Zn-3.54at.%Mg-0.12at.% Mn,Fe-0.14at.%Sc-0.08at.%Zr (AlZnMgScZr) alloys were studied. Heat treatment of the mould-cast state (MC) of the alloys was performed at 300 The relative electrical resistivity changes Δρ/ρ 0 (RESI) were determined at 78 K within an accuracy of 10 −4 using the DC four-point method. The influence of parasitic thermo-electromotive force was suppressed by current reversal. Vickers microhardness (HV) testing was performed in Wolpert Wilson Micro Vickers 401MVD at ∼ 10 • C. The measurement of the hardness values started no longer than 60 s after the quenching. Isochronal annealing (effective speed -1 K min −1 ) was carried out in a silicon oil bath (up to 240
• C) or in a furnace with the protective atmosphere (above 240
• C) and each annealing step was finished by quenching into liquid nitrogen or water, respectively. Between measurements, the samples were kept at 78 K to preserve the developed microstructure during the annealing.
The thermal behaviour of the alloys was studied using differential scanning calorimetry (DSC) performed in Netzsch DSC 200 F3 Maia apparatus at heating rates of 1, 2, 5, 10 and 30 K min −1 up to 450
• C and at heating rate 20 K min −1 up to 500
• C. A specimen of mass between 10-20 mg was placed in Al 2 O 3 crucibles in a dynamic nitrogen atmosphere (40 ml min −1 ).
Positron annihilation spectroscopy (PAS) was employed for measurement of positron lifetime (LT) of the MC state of the AlZnMg alloy. The measurements were performed using 22 Na positron source sealed in titanium foil. Detailed information about LT measurements is described in [18] .
The measurements mentioned above were compared to microstructure development observed by transmission electron microscopy (TEM) and scanning electron microscopy (SEM). TEM and SEM observations were carried out in JEM 2000FX and MIRA I Schottky FE-SEMH microscopes, respectively. The analysis of precipitated phases was complemented by energy-dispersive spectroscopy (EDS) performed by X-ray BRUKER microanalyser. The specimens for TEM and SEM were annealed by the same procedure as those for the electrical resistivity and microhardness measurements. A foil for TEM observations was prepared immediately after heat treatment of the alloy to minimize its natural ageing. The preparation of foil took approximately 40 min.
Results and discussion

Phase development in the MC alloys during isochronal annealing
The response of the relative resistivity changes Δρ/ρ 0 and microhardness HV1 to step-by-step isochronal annealing in the MC alloys is shown in Fig. 1a • C. The character of these processes agrees very well with DSC results observed in [3, 6, 8, 10] .
SEM proved the Zn,Mg-containing eutectic phase at grain boundaries in the MC state of both alloys. An overview of the AlZnMgScZr alloy in the MC state is shown in Fig. 2 . The melting (process E) of this eutectic phase was observed at ∼ 475
• C (Fig. 1b -see inset) in the DSC curves at a heating rate of 20 K min ticles (except the mentioned eutectic phase) were detected.
The ageing processes in the alloys of the Al-Zn--Mg-based system are complex, and the decomposition of saturated solid solutions obtained by quenching takes place in several stages [5, 6] . Typically, the formation of coherent Guinier-Preston (GP) zones and/or Zn,Mg-rich clusters precedes the formation of the semicoherent intermediate precipitates and incoherent equilibrium precipitates [2] [3] [4] [5] [6] [7] [8] 16] . In general, the early precipitation stages can be universally abundant in Al-based alloys and are known to affect the resistivity and (micro)hardness [19] [20] [21] . Many authors have attempted to explain changes of electrical resistivity and microhardness at the beginning of the precipitation kinetics in the Al-based alloys due to the formation of the GP zones and/or clusters [8, [19] [20] [21] . Preliminary positron annihilation spectroscopy (PAS) measurements in the AlZnMg alloy show that the positrons annihilate at traps associated with GP zones and/or small clusters and are characterized by a positron lifetime of 0.213 ns. This measured value is in a good agreement with the results in [22] and corresponds to the positrons annihilations from GP zones. From a comparison of the isochronal annealing curves of the studied MC alloys up to ∼ 150
• C (Fig. 1a) , it can be concluded that the GP zones and/or Zn,Mg--rich clusters are dissolved first. This dissolution is responsible for the resistivity I-stage and microhardness decrease. The first endothermic thermal effect (process A -see Fig. 1b ) in both alloys up to ∼ 150
• C corresponds to the dissolution of GP zones and/or Zn,Mg-rich clusters, too. These results are consistent to the DSC measurements of the AA7012 (Al-Zn--Mg-Cu-Zr) alloy (see [23] ) where the first endothermic effect appears at temperatures ranging from 90 to 140
• C depending on the scanning rate; this peak refers to the dissolution of a pre-precipitated phase (GP zones and/or clusters) produced during the natural ageing and indicates that this dissolution phenomenon is thermally activated [23] . The formation of the GP zones and/or Zn,Mg-rich clusters in the studied alloys was probably done while cooling the material after casting and subsequent storage at room temperature (RT). In comparison with the AlZnMg alloy, there is no observable effect on the formation of GP zones and/or Zn,Mg-rich clusters during the isochronal (i.e., non-isothermal) annealing considering the small concentration of the Sc and Zr atoms dissolved in the matrix. It is probably due to the large content of these additions in the Zn,Mg-rich particles around grain boundaries in the AlZnMgScZr alloy. Figure 3 shows the TEM image of the AlZnMg alloy in the MC state isochronally annealed up to 210
• C, where the dense dispersion of the metastable η -phase particles can be seen. Thus the main resistivity decrease (II-stage) and microhardness increase in the temperature range of 150-210
• C and significant exothermal process B in both alloys studied are due to the precipitation of these particles. In the Al-Zn--Mg(-Cu)-based alloys the metastable η -phase is a typical hardening phase [4] [5] [6] . It can also be concluded that the Sc,Zr-addition does not significantly influence the precipitation of the metastable η -phase particles in the MC alloy.
After annealing up to 360
• C, the microstructure observation of both alloys proved the presence of the particles with Mn,Fe-content, stable η-phase and probably T -phase (Al 2 Zn 3 Mg 3 ), as detected by EDS (see Fig. 4 ). Mn and Fe addition is traditionally contained in commercial alloys of the AA7xxx series [1] . Precipitation of the T -phase and Mn,Fe-containing phase does not lead to the hardening [5] [6] [7] [8] [9] . The precip- itation of the T -phase was also observed in the alloys of the same composition in cold-rolled state at comparable temperature range [24] . It can be mentioned that the AlZnMgScZr alloy shows higher HV values at temperatures above ∼ 270
• C in contrast to the AlZnMg alloy (see Fig. 1a ). One can conclude that this result is probably connected with the Sc,Zr-addition. The hardening effect at this temperature range is typical for the Al-Sc-Zr-based alloys [1, [11] [12] [13] 18] . However, the existence of the Al 3 (Sc,Zr)-phase particles was not observed directly (by TEM) as the consequence of the small amount of these additions in the matrix and/or their inhomogeneous distribution such as randomly localized matrix regions with the higher Sc,Zr-content. This is probably the reason of relatively small hardening (ΔHV ∼ 15) in comparison with the typical hardening effect (ΔHV ∼ 40) in the Al-Sc-Zr-based alloys [12, 13, 18] . It is mentioned that the Al 3 (Sc,Zr)-phase particles were observed in the heat-treated state in this temperature range (see Chapter 3.3 below). This justifies the assumption that the precipitation takes place at temperatures above ∼ 300
• C also in the MC state of the alloy.
The small heat effects (processes C and D) are probably related to the observed formation of the particles of the stable η-phase and T -phase. The temperature region corresponds very well to the observation of the others where precipitation of the metastable η -phase is immediately followed by precipitation of the η-phase and T -phase as well as with the temperature range of the simulated fraction evolution of these phases for the pure Al-Zn-Mg alloy during the DSC run [3, 8] . The particle precipitation of the Mn,Fe--containing phase is probably the reason for the undulating of the resistivity curves (Fig. 1a) at tempera- tures above 330
• C. This process can also be affected by weak anticipated precipitation of the Al 3 (Sc,Zr)--phase particles in the AlZnMgScZr alloy.
Annealing above 390
• C gradually led to the dissolution of the particles from the Al-Zn-Mg system. Furthermore, the eutectic Zn,Mg-containing phase partly disappeared during the isochronal annealing above this temperature as it was observed by SEM (not shown). These effects are mainly connected with the resistivity increase above ∼ 360
• C in both alloys studied. PAS investigations in the Al-based alloys indicate that the interaction between solute atoms and vacancies has a significant effect on pre-precipitated phase (e.g., GP zones and/or clusters formation) [21, 25] . There has been a controversy in the literature regarding the chemistry of the pre-precipitated phases [2] [3] [4] [5] [6] [7] [8] 25] in the Al-Zn-Mg-based alloys. Some authors suggest that they are Zn and/or Zn-vacancy clusters, but others suggest that they contain both Zn and Mg atoms or the mixture of Al, Zn and Mg atoms. Parallel to the PAS observation in the Al-Mg-Si-based alloys [21, [25] [26] [27] , one can conclude that immediately after quenching the Al-Zn-Mg-based alloy contains vacancies associated with single and/or multiple Zn-and/or Mg-clusters and/or Zn,Mg-co-clusters developed during quenching and in the course of further NA. Solute agglomerates containing vacancies are gradually transformed into vacancy-free GP zones releasing vacancies which disappear by diffusion into sinks. Owing to the strengthening effect of the GP zones and/or clusters, the microhardness values of the alloys increase continuously during ageing at RT after quenching due to the solute clusters growing and GP zones formation in agreement with the others for the Al--Zn-Mg-based alloys (e.g. [19, 20] ).
Natural ageing of the heat-treated alloys
The initial rate of hardening is comparable up to ∼ 1000 hours in the HT alloys and only up to ∼ 50 hours in the IN+HT alloys (see Fig. 5 ), respectively. It seems probable that the microhardness changes during NA of the alloys studied are influenced by the addition of Sc and Zr and precipitation of the Al 3 (Sc,Zr)-phase particles during annealing at 300
• C, respectively. The effect of Sc in the Al-Zn-Mg system was studied by several authors with controversial results concerning the question of whether the addition of Sc accelerates or retards the decomposition of the supersaturated solid solution of the Al-Zn-Mg system. The mentioned controversy in the literature may originate from observations in different stages of the ageing process (there was a different content of Zn and Mg or Cu-addition in some materials [19, 20] ). On the other hand, GP zone formation occurs at RT which is only possible if diffusion is assisted with a substantial amount of non-equilibrium quenched-in vacancies [28] . Authors of this study also showed via PAS in the Al-(Mn-)Sc--Zr alloy that positrons are trapped at vacancy-like defects associated with Sc atoms and/or Sc-rich clusters [18] . Concerning the different microhardness changes during NA in the Sc,Zr-containing alloys one can conclude that the vacancy concentration can also be influenced in the alloys studied. However, the microstructure observation by TEM of the alloys in the HT as well as IN+HT state showed only the presence of the particles of the (meta)stable phase of the Al-Zn-Mg system with comparable volume fraction. An overview of the microstructure of the AlZnMgScZr alloy in the were observed directly in the Sc,Zr-containing alloys probably as a consequence of inhomogeneous distribution. This was confirmed by SEM observation where Sc-rich regions were visible. The eutectic structure, very similar to the initial state in the all alloys studied, was observed after the heat treatment. However, the difference of the HV values after HT as well as IN+HT treatment indicates that besides the weak precipitation of the (meta)stable phase of the Al-Zn-Mg the weak precipitation (especially during annealing at 300
• C) of the Al 3 Sc-and/or Al 3 (Sc,Zr)-phase particles probably also takes place. One can also conclude that the HT, as well as IN+HT annealing, is insufficient for general homogenization of the Al-Zn-Mg system.
Phase development in the heat-treated alloys during isochronal annealing
The resistivity and microhardness isochronal curves for the HT and IN+HT+NA alloys are given in Fig. 7 . The electrical resistivity curves of the HT alloys show a significant increase of the Δρ/ρ 0 (I-stage up to ∼ 150 peak of IN+HT+NA alloys corresponds to the temperature of the fastest decrease of relative resistivity changes. Microhardness development of all alloys studied also reflects the Sc,Zr-addition at temperatures above ∼ 300
• C. Although the electrical resistivity and microhardness measurements were done only in HT and IN+HT+NA alloys, DSC measurements were done on multiple combinations of the heat treatment. (Figs. 1 and 7) , it can be concluded that the GP zones and/or Zn,Mg-rich clusters are formed in the HT alloys during the isochronal annealing. This process is connected with microhardness and electrical resistivity increase at I-stage. On the contrary, the GP zones and/or Zn,Mg-rich clusters are dissolved first at this temperature range (process A) in the HT+NA and IN+HT+NA alloys. This dissolution leads to the resistivity (I-stage) and microhardness decrease. Thus the first endothermic thermal effect (process A -see Fig. 8b ) in the HT+NA as well as IN+HT+NA alloys up to ∼ 150
• C corresponds to the dissolution of GP zones and/or comparable to the MC state (compare Figs. 1b and 8b) . Note that the DSC measurements in the present work did not start to measure at RT but at ∼ 80
• C, and the sensitivity of our apparatus was not high enough to detect the exothermic effect caused by GP zones formation in the HT and IN+HT alloys.
TEM observation at 210
• C proved a fine and dense dispersion of the η -phase particles (Fig. 9) in the AlZnMgScZr alloy in the IN+HT state. Thus the fastest resistivity decrease (II-stage) and microhardness increase of the all alloys studied in the temperature range of 150-210
• C is due to additional precipitation of the metastable η -phase particles. The significant exothermic effect (process B) in DSC curves (see Fig. 8 ) can be ascribed to this process, too. It can also be concluded that the precipitation of the metastable η -phase particles in the non-natural aged (HT and IN+HT) alloys is more pronounced and shifted to the lower temperatures (∼ 10 TEM of the alloys isochronally annealed up to 360
• C observed the presence of the coarsened η-phase and probably of the T -phase particles (see Fig. 10a ). The similar microstructure was observed by the others, see [5, 24, 29] , at this temperature range. In par- allel to the MC state (compare DSC curves in Fig. 1b and Fig. 8 ), it can be assumed that the precipitation of the T -phase (process D in DSC curves in Fig. 8 ) takes place also in the heat-treated alloys during the annealing up to ∼ 300
• C. The temperature region corresponds very well to the observation of the others where precipitation of the stable η-phase is immediately followed by precipitation of the T -phase [3] . The markedness of the maximum heat flow of these effects in the alloys without natural ageing was higher as a consequence of the higher oversaturation of Zn and Mg atoms. The particle precipitation of the η-phase and T -phase is a probable explanation of the subsequent resistivity decrease (III-stage) and undulating of the HV microhardness curves at a temperature range of 210-300
• C (Fig. 7) . The resistivity increase at temperatures above 300
• C corresponds mainly to the dissolution of the particles of the Al-Zn-Mg system. Assuming the presence of the Sc,Zr-containing particles, it can also be concluded that the yield strength of the AlZnMgScZr alloys cannot be expressed as a linear superposition of several strength contributions. This conclusion is in agreement with the observation of the others in the commercial AA6xxx alloys, see [30, 31] . The AlZnMgScZr alloys show significantly higher HV values at higher temperatures in contrast to the AlZnMg alloys (Fig. 7) . Although the Al 3 (Sc,Zr)--phase particles were not directly observed in the earlier cases (see above), these particles in the IN+HT alloy isochronally annealed up to 360
• C were detected (see Fig. 10b ). The particles in the alloy exhibit a typical "coffee bean" contrast. That is the reason for better hardening of the AlZnMgScZr alloys (Fig. 7) . This also allows us to assume that the Al 3 (Sc,Zr)-phase precipitation is going on in this temperature range also in the MC alloy (see Chapter 3.1).
Thermal properties of the AlZnMg(ScZr) alloys
To obtain information on the kinetics of the phase formation in the alloys studied in the different states (MC, HT, IN+HT, HT+NA, IN+HT+NA), we examined the apparent activation energy of thermal processes by using DSC. One endothermic process marked A, and three exothermic processes marked B-D (see Figs. 1 and 8) were observed in the DSC curves of the samples. The effect A obviously corresponds to the dissolution of GP zones and/or clusters, effects B and C to the precipitation of the metastable η -phase and stable η-phase particles, respectively. The effect D probably corresponds to the precipitation of the T -phase particles. The melting of the eutectic phase (process E at a heating rate of 20 K min −1 ) was observed at ∼ 475
• C (see Fig. 1b ). DSC curves measured with various heating rates were used for the determination of activation energies of the thermal processes A-D. Figure 11 shows the example of the Kissinger plot [32] for the AlZnMgScZr alloy in the MC state, i.e., ln(β/T 2 f ) plotted versus 1/T f , where T f is the characteristic temperature of a DSC peak and β is the heating rate. One can see that each effect obeys the Arrhenius law and is represented by a straight line in the Kissinger plot. The activation energies determined by linear regression of the experimental data for the all studied alloys are listed in Table 1 . Some energies were not calculated as a consequence of the low markedness of the maximum heat flow (e.g., for the natural-aged alloys). The markedness of the maximum heat flow of the B-D processes in the HT and IN+HT alloys was higher than in the HT+NA as well as IN+HT+NA alloys as a consequence of the higher oversaturation of Zn and Mg atoms. Although some effects were not evaluated due to small distinctness, it can be seen that DSC measurements are in a very good agreement with the resistivity and microhardness results.
The average activation energy for the dissolution of the GP zones (process A) determined for the MC, HT+NA and IN+HT+NA samples in the present work is calculated ∼ 106 kJ mol −1 (see Table 1 ). The calculated range of the activation energy for the dissolution of the GP zones is higher than that for the GP zones formation (∼ 60 kJ mol −1 [33] ) in the Al-Mg--Zn-based alloys. The activation energies for the GP zones dissolution reported in literature exhibit a large scatter and cover a wide range from 65-120 kJ mol −1 [23, 24, 33, 34] . This is because of this DSC peak that can be overlapped by the previous formation of these zones. It has to be noted that a weak exothermic effect was reported to occur in solution-treated Al-Zn--Mg-based alloys at low temperatures 30-110
• C [5, 19, 29] -this peak was attributed to clustering of solutes and/or formation of the GP zones.
The activation energy of the η -phase precipitation (process B) in the studied alloys was calculated as ∼ 111 kJ mol −1 . The activation energies of the η -phase precipitation are comparable through the materials studied independently on the annealing and Sc,Zr-addition. The value agrees within accuracy with the apparent activation energy for the precipitation of the η -phase (80-120 kJ mol −1 ) determined in the Al-Zn-Mg-based alloys after ageing at various temperatures [5, 6, 22, 23, 33] . Note that the activation energy of the dissolution of the GP zones and precipitation of the η -phase particles in the cold-rolled AlZnMg and AlZnMgScZr alloys was published by the authors in previous work as (105 ± 20) kJ mol −1 and (110 ± 10) kJ mol −1 , respectively [24] . The obtained values are comparable to the diffusion activation energies of both Zn and Mg in Al of ∼ 120 kJ mol −1 [33] .
The activation energy for the η-phase formation (process C) in the alloys is calculated as ∼ 126 kJ mol −1 . This value is in good agreement (115-160 kJ mol −1 ) with literature -see [23, 33] . The activation energy for the precipitation of the η-phase seems to be lower for the alloys after heat-treatment, but it is comparable in all alloys taking into account experimental uncertainties.
Consequently, a weak thermal process D was detected only for some heating rates of some studied alloys. The effect corresponds to the additional weak precipitation of the precipitation of the T -phase particles. The activation energy of this process was obtained as ∼ 144 kJ mol −1 . The calculated energy of this process is encumbered by a big scatter due to the small thermal response. Although the data in the literature for this precipitation are not available, the calculated value indicates that precipitation of the T -phase is more difficult than the precipitation of the stable η-phase.
Conclusions
From the results of the microstructural observation and mechanical, electrical and thermal properties of the Al-Zn-Mg(-Mn,Fe) alloy with and without Sc and Zr addition, it can be concluded:
-The distinct changes in resistivity and microhardness curves as well as in heat flow of the alloys studied are mainly caused by dissolution of the Zn,Mg--containing Guinier-Preston (GP) zones and subsequent precipitation of the particles from the Al-Zn-Mg system.
-The hardening effect after isochronal annealing at temperatures above ∼ 280
• C reflects the Sc,Zr--addition. Precipitation of the Mn,Fe-containing particles was also observed in the alloy with Sc and Zr addition. Precipitation of these particles as well as of the η-and T-phase particles does not influence hardening significantly.
-Microstructure observation proved the Zn,Mg--containing eutectic phase at grain boundaries in the alloys studied. Sc,Zr-content is mainly concentrated in randomly-localized regions in the Al matrix. Melting of the eutectic phase was observed at ∼ 475 • C.
-Heat treatment at 300
• C for 60 min and subsequently 460
• C for 45 min is insufficient for usual homogenization of the Al-Zn-Mg system.
-Strengthening effect due to the formation of the GP zones and/or growing of the clusters is observed during natural ageing. Sc and Zr addition can influence the vacancy concentration in the alloys studied.
-The apparent activation energy values were calculated as dissolution of the GP zones (∼ 106 kJ mol −1 ), formation of the metastable η'-phase (∼ 111 kJ mol −1 ), formation of the stable η-phase (∼ 126 kJ mol −1 ) and formation of the T -phase (∼ 144 kJ mol −1 ).
